Abstract. Atomistic simulations of bicrystal samples containing a grain boundary are used to examine the effect of hydrogen atoms on the nucleation of intergranular cracks in Ni. Specifically, the theoretical strength is obtained by rigid separation of the two crystals above and below the GB and the yield strength (point of dislocation emission) is obtained by standard tension testing normal to the GB. These strengths are computed in pure Ni and Ni with H segregated to the grain boundaries under conditions typical of H embrittlement in Ni, and in highly-H-saturated states. In all GBs studied here, the theoretical strengthσ is not significantly reduced by the presence of the hydrogen atoms. Similarly, with the exception of the NiΣ27(115) 110 boundary, the yield strength σy is not significantly altered by the presence of segregated H atoms. In all cases, the theoretical strengths are ∼25 GPa and the yield strengths are ∼10 GPa, so that (i) the theoretical strength is always well above the yield strength, with or without H, and (ii) both strengths are far above the bulk plastic flow stress, σ B y of Ni and Ni alloys. Complementing recent work showing that H does not change the ability of GB cracks to emit dislocations and blunt, the present work indicates that hydrogen atoms segregated to the GB have little effect on lowering the GB strength and so do not significantly facilitate nucleation of intergranular cracks.
Introduction
It is well-established that hydrogen degrades the mechanical properties of metals [1, 2, 3, 4, 5, 6] . Hydrogen embrittlement (HE), where the ductility of the host metal is significantly decreased by the presence of hydrogen atoms, is a major problem in many current applications of high-performance metals and so is receiving considerable research attention. Although experiments clearly demonstrate embrittlement, the microscopic 5 processes are not established nor does a comprehensive and predictive theory for this phenomenon yet exist. Atomic-scale simulations are thus increasingly being used to test possible embrittlement concepts [7, 8, 9, 10, 11, 12, 13, 14, 15, 16] , within the limitations of such modeling. Since embrittlement is often accompanied by a change from ductile fracture to intergranular cleavage, mechanisms involving H segregation at grain boundaries would seem to be of particular importance.
The remainder of this paper is organized as follows. The interaction energies and segregation of H to atomic sites in a range of symmetric tilt boundaries in Ni are presented in Section 2. Section 3 summarizes the details of simulations of the theoretical and yield strengths, and fracture energies, with and without H segregated to all the GBs considered here. Results are presented in section 4, and discussion of the results is provided in Section 5. 
Energetics of H atoms in Ni symmetric tilt boundaries
H atoms occupy octahedral interstitial sites in bulk Ni, but their binding energies to sites in and around grain boundaries depend on the atomistic structure of each specific boundaries [17] . For a possible binding site i, the interaction energy of H relative to the energy of H in a bulk octahedral site is defined as E int,i = E GB+H i − E GB+H bulk (1) where E GB+H i is the energy of a fully-relaxed material containing a grain boundary with an H atom at site #i and where E GB+H bulk is the energy of the same fully-relaxed material with an H atom in a bulk interstitial site far from the GB. To compute all energies, we used our recently-improved EAM potential for the Ni-H system, which is described in Ref. [18] . We study the following grain boundaries: NiΣ9(221) 110 , NiΣ19(331) 110 , NiΣ27(115) 110 , NiΣ33a(441) 110 , NiΣ33b(554) 110 , NiΣ41(443) 110 and NiΣ99(557) 110 . Fig. 1 shows the positions of the binding sites for H (defined as E int,i < −0.05 eV ) in each GB with the corresponding interaction energies shown in Table 1 . In all cases, the H atoms tend to bind to sites having a more open structure [17] , due to the positive misfit volume of the H interstitial atom in Ni. We have further verified that H-H interactions in nearby binding sites are negligible. Therefore, we compute the probability of occupation c i of sites of type i, which we refer to as the concentration at site i, using a simple solution model as
Here, T is the temperature and k B is Boltzmann's constant, while c 0 is the bulk concentration of H atoms which corresponds to some imposed H chemical potential for the entire specimen. These concentrations c i are used for preparing the simulation specimens as described in the next section.
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Simulation details
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In this section, the details of the simulations pertinent to the calculation of the theoretical cohesive strengthσ, the fracture energies γ fr , and the grain boundary yield strength σ y of the various grain boundaries are presented. We examine the effect of the hydrogen atoms on the theoretical strength of various grain boundaries as follows. We construct simulation cells of size This is an author-created, un-copyedited version of an article accepted for publication/published in Modelling And Simulation In Materials Science And Engineering. IOP Publishing Ltd is not responsible for any errors or omissions in this version of the manuscript or any version derived from it. The Version of Record is available online at http://dx.doi.org/10.1088/1361-651X/aa87a6. Citation details: Tehranchi, A.; Curtin, W. A. Modelling And Simulation In Materials Science And Engineering 2017, 25, 075013.
stress. Therefore, in a finite size sample that is fully relaxed to zero net stress in all directions, this intrinsic GB stress is balanced by a compensating stress in the two grains on either side of the boundary. This compensating stress decreases with increasing height l 2 of the sample and would vanish in a large-grain sample. To avoid 70 spurious effects of this compensating stress in finite-size MD samples, we fixing the l 1 width of the sample at the size corresponding to the bulk Ni lattice constant, and the Ni grains are under zero stress while the GB stress is also appropriate to the bulk value.
After proper relaxation of the specimen, we saturate the binding sites of the grain boundaries with hydrogen atoms due to the concentrations c i calculated via by inserting interaction energies calculated in the previous 75 section into Eq. (2). The bulk concentration of hydrogen is set to c 0 = 0.001, typical of embrittlement conditions in Ni at T=300K [19] . For each GB we prepare H-charged samples at both T = 300K and T = 50K. The latter low temperature gives rise to c i > 0.994 for all binding sites that are not also nearly fully occupied at T = 300K. Thus, in the low-T sample, the H concentrations in the GB are nearly fully-saturated, and independent of c 0 , thus representing a highly-charged system. After insertion of the H atoms in the binding sites, we relax the 80 system again to mechanical equilibrium at T = 0K (maintaining the fixed l 1 sample length, however). Since the barrier for the diffusion of hydrogen atoms in fcc nickel is ∼ 0.5eV, H diffusion cannot be captured in molecular dynamics (MD) timescales at T = 300K. Moreover, we are not concerned with any thermally activated process here. Therefore, we execute all simulations at T=0K.
Starting from the relaxed boundary, we rigidly separate the two grains across a specified plane parallel to 85 the grain boundary as schematically shown in Fig. 2 . We measure the interfacial stress σ 22 as a function of the planar separation distance δ, up to δ = 10Å at which point the stress is always zero (beyond the range of the EAM potential). The unrelaxed fracture energy γ u fr is the difference between the initial and final system energies, with no relaxation during the rigid separation process, divided by the GB area. The γ u fr is exactly equal to the work done 90 in the separation process, which corresponds to the area under the measured stress-opening (σ 22 -δ) curve. We then allow full relaxation of the separated surfaces to obtain the relaxed fracture energy γ r fr ; this is the relevant energy in the equilibrium Griffith criterion for cleavage crack growth along the selected plane of separation with no H diffusion. Several possible separation planes are chosen for each GB so as to find the minimum cohesive strength and minimum fracture energy surfaces for each GB. For each GB, three different cutting To measure the yield strength of the GB, we use the same initial specimens those used for the cohesive strength and fracture energy studies above. All GBs studied here have slip planes with normal vectors in the x 1 , x 2 plane, and so are able to emit straight dislocations consistent with the periodic boundary conditions imposed in x 3 . The specimen is subjected to an increasing strain tensor corresponding to an increasing uniaxial stress, in increments of ∆ = C −1 ∆σ where C is the elastic stiffness tensor calculated with respect to x i coordinate system and 
Since we are simulating 110 symmetric tilt boundaries in fcc, the stress field is symmetric with respect to the GB plane (x 2 = 0). We thus do not need to solve the general aniostropic elasticity problem for tension of a bi-material to find ∆ . After each load increment, the specimen is relaxed via the conjugate gradient method [20] . We measure the GB yield stress as that uniaxial stress at which dislocation(s) are first emitted 100 from the grain boundary. Furthermore, we examine the possible effects of H atoms on the plastic activity of the GB at loads higher than the initial GB yield stresses. However, previously emitted dislocations cannot be pinned at the sample This is an author-created, un-copyedited version of an article accepted for publication/published in Modelling And Simulation In Materials Science And Engineering. IOP Publishing Ltd is not responsible for any errors or omissions in this version of the manuscript or any version derived from it. The Version of Record is available online at http://dx.doi.org/10.1088/1361-651X/aa87a6. Citation details: Tehranchi, A.; Curtin, W. A. Modelling And Simulation In Materials Science And Engineering 2017, 25, 075013.
Atomistic study of hydrogen embrittlement of grain boundaries in Nickel: II. Decohesion 6 boundaries and, thus, exert improper backstresses on the GB. Therefore, in these simulations, the system is loaded by application of forces on the x 2 surfaces corresponding to desired tensile stress. Application of the 105 forces at the free top and bottom enables the emitted dislocations exit from these free surfaces and thus exert no spurious forces that might affect subsequent emission from the GB. MD simulations are then performed using the velocity-Verlet algorithm [21] with integration time step of 1 fs. A Langevin thermostat [22] is used for fixing the temperature of the system 10 −3 K , so that MD is very nearly equivalent to a steepest-descent minimization. After application of the total desired load, MD is executed for t = 50 ps.
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All MD and MS simulations are performed using the large-scale atomic/molecular massively parallel simulator (LAMMPS) [23] and atomic configurations are visualized using the open visualization tool OVITO [24].
Results
Fig . 3 shows the computed σ 22 -δ curves for all the grain boundaries, for pure Ni, and with H at bulk 115 concentration of c 0 = 0.001 at both T = 300K, and T = 50K. In each case, these curves are those for the cutting plane having the minimum theoretical cohesive strength. Table 2 shows the computed cohesive strength of each boundary. The cohesive strengths of the boundaries are not significantly altered by the presence of H atoms, with a maximum reduction of ≈ 4 percent. In addition, the strengths are all very high, on the order of 25 GPa, which is expected from simple estimates (25 GPa ∼E/5 where E is the Young's modulus for polycrystalline Ni).
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There is thus no significant effect of H on the cohesive strength of any of these GBs.
As stated before, for further investigation of the maximal role of H atoms on the theoretical strength, we prepared samples in which all the binding sites of the grain boundary were filled with hydrogen, i.e. c i = 1 by setting T = 50 in Eq. (2). These samples are not in the thermodynamical equilibrium at room temperature but they may represent situations in which, due to local transport phenomena, the concentration of H might 125 become high in the GB. For example dislocations carrying Cotterell clouds of hydrogen may come to the GB and provide additional H that is redistributed locally (out of global equilibrium). Even in these extreme cases, there are no significant decrease in the theoretical cohesive strength, with a maximum reduction of only 5.4%, found for the NiΣ27(115) 110 case.
For completeness, the theoretical cohesive strength of a single Ni grain that is separated across a plane 130 parallel to each GB has also been examined for both c 0 = 0 and c 0 = 1 (complete filling of all octahedral sites in the entire specimen), as shown in Table 3 . In all of these "single crystal" orientations, the pure Ni specimens have theoretical cohesive strengths around 28 GPa, roughly 12% higher than the corresponding bicrystal specimens. The reductions in theoretical cohesive strength due to the presence of the hydrogen atoms remain small, less than 3.5%, except for Ni(115) where the reduction is 19%.
135 Table 2 : Theoretical cohesive strengths and yield strengths of the grain boundaries of interest.
Yield stress (GPa) Theoretical strength (GPa) c0 = 0 c0 = 0.001 This is an author-created, un-copyedited version of an article accepted for publication/published in Modelling And Simulation In Materials Science And Engineering. IOP Publishing Ltd is not responsible for any errors or omissions in this version of the manuscript or any version derived from it. The Version of Record is available online at http://dx.doi.org/10.1088/1361-651X/aa87a6. The unrelaxed and relaxed fracture energies calculated for each grain boundary and each plane of separation are shown in Table 4 . Relaxation reduces the minimum fracture energy by 21% and 23% in the H-free and reductions in fracture energy due to segregated H remain less than 25%. Table 4 summarizes all of these results. By of these simulations, we conclude that the presence of hydrogen, even in conjunction with local diffusion processes bringing nearby H to the fracture surfaces, does not significantly change the fracture energies of any of the grain boundaries studied here. This is an author-created, un-copyedited version of an article accepted for publication/published in Modelling And Simulation In Materials Science And Engineering. IOP Publishing Ltd is not responsible for any errors or omissions in this version of the manuscript or any version derived from it. The Version of Record is available online at http://dx.doi.org/10.1088/1361-651X/aa87a6. This is an author-created, un-copyedited version of an article accepted for publication/published in Modelling And Simulation In Materials Science And Engineering. IOP Publishing Ltd is not responsible for any errors or omissions in this version of the manuscript or any version derived from it. The Version of Record is available online at http://dx.doi.org/10.1088/1361-651X/aa87a6. This is an author-created, un-copyedited version of an article accepted for publication/published in Modelling And Simulation In Materials Science And Engineering. IOP Publishing Ltd is not responsible for any errors or omissions in this version of the manuscript or any version derived from it. The Version of Record is available online at http://dx.doi.org/10.1088/1361-651X/aa87a6. We now turn to results for the GB "yield strength" under uniaxial tensile load. We consider grain boundaries
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with no H, with segregated H at c 0 = 0.001 and T = 300K, and with saturated H wherein all binding sites are filled independent of any thermodynamic considerations at room temperature. All grain boundaries show dislocation emission at some tensile stress that is well below the theoretical cohesive strength, as shown by the dashed lines in Figure 3 . In no cases do we find any crack nucleation or evidence of decohesion prior to dislocation emission. Furthermore, the presence of H has very little effect on the stress at which dislocation 155 emission occurs, except in one case NiΣ27(115) 110 where dislocation emission is significantly suppressed but still occurring well below the theoretical cohesive strength. The details of the dislocation emission vary from GB to GB, but the emphasis here is on when dislocation emission occurs and whether the emission is affected by segregated H. Figures 11-17 , show the atomic GB structures at the first points of GB reorganization, both with and without H. These results show that dislocation emission is the preferred response of each GB under tensile 160 load, which is expected since intergranular fracture is not observed in pure Ni, and that H has no significant influence on the stress levels at which emission occurs. Furthermore, all the grain boundaries with and without hydrogen continue emitting dislocation as the loading levels increase above the initial yield stress. Figures 11(c)-17(c) show the structure around the GBs with segregated hydrogen atoms under tensile stresses higher than the yield stress. For NiΣ27(115) 110 , and Figures 18-19 show structure of the entire specimen, for the NiΣ9(221) 110 and NiΣ33b(554) 110 under σ 22 = 15GP a at t = 50ps, This is an author-created, un-copyedited version of an article accepted for publication/published in Modelling And Simulation In Materials Science And Engineering. IOP Publishing Ltd is not responsible for any errors or omissions in this version of the manuscript or any version derived from it. The Version of Record is available online at http://dx.doi.org/10.1088/1361-651X/aa87a6. Citation details: Tehranchi, A.; Curtin, W. A. Modelling And Simulation In Materials Science And Engineering 2017, 25, 075013.
respectively. The emitted dislocations exit the top and bottom surfaces, which are thus roughened. Extensive twinning can be seen, which is not necessarily physical but the point is that there is no crack nucleation.
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Discussion
In all simulations reported here, the fracture energies and theoretical cohesive strengths of the boundaries are not significantly reduced by the presence of the hydrogen atoms. Furthermore, in all cases, the emission of dislocations occurs well before decohesion. And, aside from the case of NiΣ27(115) 110 , no significant change in σ y is observed in the H-charged specimens. Thus we find little or no evidence that segregated hydrogen atoms 175 can facilitate the nucleation of the cracks along GBs in Ni under conditions where embrittlement is typically observed in experiments. Below we discuss different features and implications of this conclusion.
The main material parameter controlling nucleation of a crack is the theoretical cohesive strengthσ. If the tensile stress somewhere along the GB can reachσ, a crack can nucleate. After nucleation, if the local stress field remains high, the energy release rate may be well above both the fracture energy for cleavage and the unstable 180 stacking fault energy (γ usf ) for dislocation emission. Although recent simulation studies suggest otherwise [25] , a crack could then grow dynamically under such high-stress conditions rather than blunt out and stop. As the crack grows longer, the applied stress intensity can increase even when the overall applied stresses are decreasing as the crack tips move away from the original high-stress nucleation point, and this could allow crack growth to continue. At present, however, our nanoscale assessment of fracture behavior is mainly limited to quasistatic 185 situations, with cleavage and blunting governed by the Griffith (fracture energy) and Rice [26] (unstable stacking fault energy) criteria, respectively. And, as alluded to above, recent simulations show that when a dynamic cleavage crack enters a material that is quasistatically ductile (emits dislocations under quasistatic loading) then the dynamic crack emits dislocations and stops growing. Thus, based on quasistatic considerations, our analysis here and in our earlier work shows that the presence of H along symmetric tilt grain boundaries in Ni
190
does not significantly change either the cohesive strength, fracture energy, or induce a change from emission to cleavage at a crack front. Thus, the nanoscale mechanisms of crack nucleation and growth at GBs are similar in Ni and Ni-H. Ni itself does not show intergranular fracture, and hence results here do not point to the creation of intergranular fracture due to pre-segregated H to GBs in Ni. These analyses are at the nanoscale. One might put aside nanoscale details in favor of a larger-scale analysis of fracture, as discussed next.
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The role of H could be to inhibit or change mechanisms of ductile failure, e.g. H could change the plastic flow behavior of the bulk matrix so as to inhibit void nucleation, growth, and/or coalescence. Recent experiments in steels suggest that, in the presence of H, nanovoids are formed along GBs and that coalescence of these nanovoids could lead to embrittlement fracture along grain boundaries [27] . Mechanisms for this behavior remain to be uncovered, however [28, 29] .
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Another large-scale perspective assumes some effective crack tip cohesive behavior, which represents all of the complex nano/micro scale phenomena that exists along with the bulk plasticity of the surrounding metal. Numerical simulations of such cohesive cracks growing through power-law-plasticity metals show that the steady-state toughness enhancement due to plasticity, Γ/γ fr , depends sensitively on the ratioσ/σ B y [30, 31] and on the power-law hardening rate N . If the introduction of H could decreaseσ and/or γ fr or increase σ B y , 205 then the macroscopic toughness Γ could decrease substantially if the ratioσ/σ B y decreases below ∼ 3 − 5. The nanoscale material parameters here suggestσ/σ B y ∼ 15 − 40, both with and without H along the GBs, so that cohesive cracks in a power-law plastic matrix should not be embrittled. However, the increase in plastic flow stress in small volumes and/or under high strain or stress gradients around crack tips leads to much higher flow stresses at the micron-scale, which facilitates fracture [31, 32, 33, 34] . In specific numerical studies, However, the toughness varies much more smoothly witĥ σ/σ B y than in standard size-independent plasticity models so that no abrupt embrittlement would be anticipated for modest changes in material properties. Plastic flow is also rate-dependent, with increasing plastic flow stress σ B y with increasing strain rate, and this could affect fracture [35, 36, 37] . Rate-dependent flow could thus reduce 215σ /σ B y further, corresponding to lower predicted fracture toughness. However, both rate-and size-effects should operate for H-free materials (e.g. pure Ni or Ni alloys), and such materials are not low-toughness. The modest effects of H segregated to GBs (modest decreases in cohesive strength and fracture energy) that are caused here by H segregation to grain boundaries do not suggest significant embrittlement effects even when larger-scale phenomena are considered.
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It may be useful to combine all of the effects noted above (rate-and size-dependent plasticity; reductions in cohesive strength and fracture energy due to H) into appropriate computational models so as to quantitatively assess the total effects of segregated H on toughening. This would be especially useful if the presence of H could lead to crack nucleation that creates a dynamic situation that would not prevail in the absence of H. Such computations neglect, however, the blunting of cracks by dislocation emission that should inhibit embrittlement, 225 and the origin of easier crack nucleation in the presence of H is not indicated by the present results. This is an author-created, un-copyedited version of an article accepted for publication/published in Modelling And Simulation In Materials Science And Engineering. IOP Publishing Ltd is not responsible for any errors or omissions in this version of the manuscript or any version derived from it. The Version of Record is available online at http://dx.doi.org/10.1088/1361-651X/aa87a6. Citation details: Tehranchi, A.; Curtin, W. A. Modelling And Simulation In Materials Science And Engineering 2017, 25, 075013.
In summary, the present results, and complementary recent work [18] , on the effects of H segregation to grain boundaries in Ni show no noticeable propensity for H to induce significant embrittlement in Ni. These results are time-independent, and thus do not consider H transport. A recent model by one of the present authors [14, 15] suggests that H transport to the region around an existing crack tip can suppress dislocation
